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The effect of nanoclay concentration on the molecular orientation and drawability of poly(ethylene
terephthalate) PET was examined using thermal and vibrational spectroscopic analysis. Although
drawability at 83 � C in hot air increased by the addition of nanoclay, the maximum draw ratio was
independent of nanoclay concentration. The average molecular orientation of the PET chain was found to
mimic the trend in mechanical property improvements. Both Young’s modulus and tenacity
(i.e. strength) showed the maximum improvement at a 1 wt% loading of clay, which was shown to
coincide with the maximum amount of molecular orientation. Nanoclay was shown to intercalate with
PET and enhanced amorphous orientation that led to modulus and strength improvements. However, at
higher concentrations of nanoclay the presence of large agglomerates prevented efficient orientation to
the fiber axis and acted as stress concentrators to aid in cavitation and failure during testing. Raman
spectroscopy showed that the as-spun unfilled PET fibers possessed significantly more trans rotamer
content of the ethylene glycol moiety than the nanocomposite fibers.

� 2008 Elsevier Ltd. All rights reserved.
1. Introduction

The benefits of using layered silicate nanoparticles ‘‘nanoclays’’
for improving the physical, chemical, and mechanical properties of
homogenous polymers have been shown by many studies [1–6]
and reviewed by several authors [7–12]. These disk-shaped nano-
particles present a distinct advantage because significantly lower
volume fractions are required to produce equal bulk property
improvements when compared to conventional fillers (i.e. glass
fibers, talc, etc.) [13]. The high specific surface area of nanoclay, due
to its nanometer size and high aspect ratio, provides an increased
number of polymer–particle and particle–particle interactions
relative to conventional fillers. Maximum property improvements
are believed to be obtained when the nanoparticles are uniformly
dispersed into their individual sheets within the polymer matrix.
Improvements in mechanical properties, for instance, have been
widely cited for a number of polymer–nanoclay injection molded
and, more recently, melt-spun fiber systems [9].

Several authors have reported the spinnability and mechanical
properties of melt-spun nanocomposite fibers from polymer
matrices of polypropylene [14,15], polyamide [16,17], and aromatic
polyesters [18–24]. Nanocomposite fibers spun from isotactic
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polypropylene showed a significant reduction in tensile strength
with increasing nanoclay concentration [14,15]. Using microscopy
and thermal shrinkage measurements, the decrease in tensile
strength was attributed to a loss of molecular orientation caused by
crystallite growth perpendicular to the fiber axis during drawing
[14,15]. Giza et al. [16] and Ibanes et al. [17] examined the effect of
nanoclay on mechanical properties of polyamide-6 fibers with
spinning speed and draw ratio, respectively. Values of modulus and
tenacity were shown to increase with nanoclay concentration and
spinning speed up to the onset of stress-induced crystallization
[16]. Increasing the spinning speed beyond the point of stress-
induced crystallization produced nanocomposite fibers with
enhanced modulus but with reduced tenacity compared to unfilled
polyamide-6 [16].

Ibanes et al. [17] showed that a 1 wt% loading of nanoclay in
polyamide-6 fiber, spun to an un-oriented state and subsequently
drawn above the glass transition, produced nanocomposite fibers
with improved drawability. The tenacity and crystal orientation of
the nanocomposite fibers were significantly increased relative to
unfilled polyamide-6 fibers when drawn to their maximum draw
ratios [17]. These authors showed little improvement in nano-
composite fiber modulus and concluded that the nanoclay used
did not interact favorably and couple with the oriented polyamide
matrix. In addition, Ibanes et al. [17] did not examine the effect of
nanoclay concentration on the degree of drawability or mechan-
ical property improvement.
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Until recently [24] research on polyester nanocomposite fibers
focused on modulus and tenacity improvements with spinning
speed [18] or spinning speeds in the form of draw down ratios [19–
23] and not on the effect of second step draw. McConnell et al. [18]
showed that increasing the spinning speed enhanced both modulus
and tenacity of poly(ethylene terephthalate) (PET) fibers at a given
nanoclay loading and with a specific surfactant type. Chang et al.
[19–23] examined several polyester nanocomposite systems at
various draw down ratios from the spinneret. PET fibers filled with
organically modified montmorillonite showed a decrease in
modulus and tenacity with increasing draw down ratio, but the fiber
properties improved overall with nanoclay addition at constant
draw down [21]. In a more recent study, Chang et al. [23] found that
modulus and tenacity were optimal at a 1 wt% addition of organi-
cally modified mica, but these properties were nearly independent
of draw down ratio. The as-spun nanocomposite and pure PET fibers
showed very low elongations at break (w3%) during loading at room
temperature. In addition, the current literature [18,21,23] focusing
on as-spun polyester nanocomposite fibers has shown modulus and
tenacity values insufficient for industrial applications.

In our previous work [24], we reported good spinnability of
nanocomposite fibers with alkyl surface-modified montmorillonite
nanoclay concentrations below 5 wt%. Furthermore, significant
increases were observed at low loadings of nanoclay in the
modulus and tenacity of the nanocomposite fibers after drawing in
a second step [24]. Table 1 summarizes the mechanical property
improvements obtained from our previous study. For nanoclay
loadings up to 1 wt%, the modulus improvement of the drawn
nanocomposite fibers was observed to be much greater than a rule
of mixtures prediction, which has not been reported in the prior
nanocomposite fiber literature. As well, the tenacity of the nano-
composite fibers reached a maximum at the 1 wt% loading and was
66% greater than the tenacity of the unfilled PET fiber. Therefore, it
was concluded that the PET phases in the neat and nanoparticle
filled fibers possessed different morphologies. Additionally, the
nanocomposite fibers showed increased drawability over the pure
PET fiber. These observations were considerably different from
those of previous authors examining PET nanocomposite fibers
[18,21,23]. We concluded that solid state polymerization of the
melt-compounded PET nanocomposites provides a means of
keeping the molecular weight high enough to sustain axial loading
over more strain units. Therefore, in the nanoclay filled fibers the
orientation of the polymer chains was believed to be enhanced
relative to unfilled PET.

The current literature on PET nanocomposite fibers has not fully
explained the microstructure of these systems. Several authors
[18,25–29] have cited that nanoclays act as nucleating agents in
Table 1
Tensile properties of PET/MMT nanocomposite fibers

Clay type Nanoclay
loading
(wt%)

Draw
ratio

Mw

(g/mol)
Young’s
modulus
(relative)

Maximum
tenacity
(relative)

Toughness
(MPa)

Elongation
at break
(%)

Pure PET
as-spun

0.0 – 45,800 1.00 1.00 197 � 6.8 191 � 8.9

Cloisite
20A
as-spun

0.5 – 45,800 0.74 0.92 262 � 15 284 � 5.9
1.0 – 44,900 0.83 1.10 277 � 18 300 � 3.1
1.5 – 43,200 0.91 1.00 235 � 5.4 279 � 10
3.0 – 38,800 0.74 0.57 190 � 12 298 � 19

Pure PET
drawn

0.0 2.5 45,800 1.00 1.00 36.4 � 2.8 6 � 0.5

Cloisite
20A
drawn

0.5 3.7 45,800 1.19 1.44 30.8 � 2.8 5.6 � 0.2
1.0 3.5 44,900 1.28 1.63 29.4 � 1.4 5.5 � 0.2
1.5 3.5 43,200 1.09 1.31 21.0 � 1.4 5.1 � 0.3
3.0 3.6 38,800 0.94 0.95 18.2 � 1.4 4.7 � 0.3
PET, and those examining PET fibers have shown that nanoclay
addition increases the degree of crystallinity of as-spun filaments
[18]. Although some authors have reported property improve-
ments, no studies of PET nanocomposite fibers have reported the
effect of nanoclay on molecular orientation [18,21,23]. It is well
known that increases in fiber tenacity depend upon the degree of
orientation of the polymer chains, while the modulus of the fiber
relies upon the degree of crystallinity and amorphous orientation
[30]. Therefore, a complete understanding of the mechanism
behind the property improvements attained with nanoclays
requires knowledge of the inter-play between the four phases
involved: the rigid nanoclays and the three phases of PET (crys-
talline, oriented-amorphous, and purely amorphous).

This work evaluates the role of nanoclay in creating property
improvements in PET nanocomposite fibers after drawing in
a second step above the glass transition temperature. In particular,
this work examines how the presence of nanoclay leads to greater
drawability and molecular orientation of the PET phase, and then
correlates these observations to the improvements in mechanical
properties. Wide angle X-ray (XRD) measurements were made to
discern the effect of nanoclay dispersion on final nanocomposite
properties. Thermal analysis by differential scanning calorimetry
(DSC) and thermal shrinkage measurements was used to probe the
effects of nanoclay on crystallinity and amorphous orientation,
respectively. Raman spectroscopy was used to examine the changes
in molecular conformations (i.e. gauche–trans isomerism) and also
to study the changes in orientation of the PET backbone as a func-
tion of draw.

2. Experimental

2.1. Materials

The poly(ethylene terephthalate) used in this study had an intrinsic
viscosity of 0.96 dl/g and was suitable for tire-cord applications.
Surface-modified montmorillonite nanoclay Cloisite 20Awas obtained
from Southern Clay Products Inc (Gonzalez, TX) and used without
further modification. The surface-modified clays are produced
commercially by the substitution of interlayer sodium cations by
dimethyl, bis(hydrogenated-tallow)quaternary ammonium cations.

2.2. Melt-compounding, fiber spinning, and fiber drawing

The production of the PET nanocomposite fibers was described
in our previous work [24,31]. It is important to reiterate that the
fiber spinning and drawing steps were performed separately in this
work, but within a reasonable time frame to avoid complexity with
physical aging. The draw oven was set to raise the temperature of
the filaments to 83 � C, just above the glass transition temperature
of PET. Maximum draw ratios were determined by increasing the
speed ratio of the godets and observing the onset of fiber fraying
(i.e. filament mechanical failure), upon which the speed was
reduced slightly.

2.3. Characterization

The tensile properties of the nanocomposite fibers were deter-
mined using an Instron 4204 Universal Testing Machine at room
temperature and humidity. A crosshead speed of 30 cm/min was
used for testing the drawn fibers at a gauge length of 25.4 cm. For
the un-oriented fibers, gauge lengths of 7.62 cm and crosshead
speeds of 9.0 cm/min were used. Reported values are averages of 8
samples with uncertainties corresponding to 95% confidence limits.

The morphology of the nanoclay within the PET nanocomposites
was determined using wide angle X-ray diffraction (XRD) and
scanning electron microscopy (SEM). XRD patterns were obtained
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Fig. 1. XRD for the as-spun nanocomposite fibers (a) pure PET, (b) 0.5 wt% 20A,
(c) 1 wt% 20A, (d) 1.5 wt% 20A, (e) 3 wt% 20A. Inset – pure Cloisite 20A nanoclay.
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using a Scintag XDS 2000 diffractometer with Cu K radiation at
a wavelength of 1.54 Å with a scan rate of 0.5� /min from 1.5 to 10� .
This study was not immediately focused on complete exfoliation of
the nanoparticles, and thus transmission electron images of the
nanocomposite were not taken for the specimens showing little to
no peak in the XRD pattern. SEM images were taken using a LEO
(Zeiss) 1550 high-performance Schottky field-emission SEM.

The crystallization and melting behaviors were determined by
rheology using a Rheometric Mechanical Spectrometer (RMS-800)
and by differential scanning calorimetry (DSC) using a TA Instru-
ments Q1000 thermal analyzer, repectively. Rheological ‘‘cooling
curves’’ were made by cooling the temperature of the nano-
composite melt at a rate of 40 � C/min and recording the storage
modulus, G0. A 25 mm cone and plate geometry was used with an
inert atmosphere. Samples were dried for 24 h at 120 � C prior to
testing. The DSC was calibrated using sapphire and indium stan-
dards. Test specimens of about 10 mg were cut and sealed in
hermetic aluminum pans. All tests were carried out under
a nitrogen atmosphere. Samples were heated from 40 � C to 290 � C,
equilibrated for 5 min and cooled back to 40 � C, and then reheated
to 290 � C. The heating and cooling rates were set at 20 � C/min. The
degree of crystallinity was calculated under the assumption that
the heat of fusion is proportional to the crystalline content, as
shown in Eq. (1)

c ¼
DHf

DHo
f

�
1 � wclay

� (1)

where DHf is the enthalpy of fusion of the sample, DHo
f is the

enthalpy of fusion of a completely crystalline sample and taken in
this work as 140 J/g [32], and wclay is the weight fraction of nanoclay
in the nanocomposite fiber.

Thermal shrinkage measurements of the drawn nanocomposite
fibers were obtained according to ASTM D4974-04 at 177 � C using
0.009 g per filament tex. The reported values are an average of 8
tests with uncertainties corresponding to 95% confidence limits.

Polarized Raman spectra were collected from a JY Horiba Lab-
Ram HR spectrometer, with 600 groves/mm gratings and a slit
width of 80 mm. Excitation was provided by a 632.8 nm Laser
Physics 100S-632 HeNe laser. The laser was focused through a 40�
objective on single filaments glued across the openings of 3/8 inch
steel washers. Less than 10 mW of laser light was focused on the
filaments. The detector was an electronically cooled open electrode
CCD. Spectra were obtained from the samples in different
geometrical arrangements using a rotating stage. In order to
calculate the molecular orientation parameters, similar procedures
of Lesko et al. [33] were followed. The detailed theory behind the
determination of the molecular orientation parameters using
polarized Raman spectroscopy is described elsewhere [33–37]. For
the comparison of conformational isomers (gauche and trans
content), the spectral bands were analyzed with the polarized light
and fiber length arranged in parallel. Data analysis and peak fitting
was done by using OriginPro v.8 (OriginLab) with embedded
Gauss–Lorentz functions to deconvolute multiple peak bands and
to determine the band full-width at half maximum (fwhm), peak
center, and area. Accordingly, the area under the band was taken as
the band intensity [35].
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Fig. 2. XRD for the drawn nanocomposite fibers (a) pure PET, (b) 0.5 wt% 20A,
(c) 1 wt% 20A, (d) 1.5 wt% 20A, (e) 3 wt% 20A.
3. Results and discussion

3.1. Nanoparticle morphology

The wide angle X-ray diffraction (XRD) spectra of the series of
as-spun PET nanocomposite fibers are shown in Fig. 1. The inset in
Fig. 1 shows the pattern of pure Cloisite 20A as a reference for peaks
at 3.7� of 2q, corresponding to the interparticle distance of organ-
ically modified clay, d001 or the ‘‘d-spacing’’, and 7.3� of 2q, corre-
sponding to a secondary peak, d002 [38]. The d-spacing from Bragg’s
law (d001 ¼l/2 sin q), which corresponds to the interparticle
distance, was shown to be 2.42 nm for the pure 20A nanoclay. For
the as-spun fiber with various loadings of nanoclay, the peak height
is very weak at low loadings. The peak position is shifted to slightly
lower angles indicating that intercalation of PET into the nanoclay
layers has occurred and the interparticle distance has increased. For
nanoclay loadings below 3 wt%, the as-spun peak height is signif-
icantly suppressed, which implies that the number of agglomerates
in the system is low. At 3 wt%, the large peak shows a pronounced
number of aggregated nanoparticles in this fiber.

Fig. 2 shows the nanoparticle morphologies in the drawn fiber
for various concentrations of 20A. Comparing the un-oriented and
oriented fibers, the peak positions have been shifted to slightly
higher angles and peak heights have been reduced. This indicates
that drawing the nanoparticle fibers leads to a collapse in
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interparticle distance. This collapse is suspected to be due to the
reorganization of amorphous, curled polymer chains to oriented,
extended chain crystallites. Although it appears that the particle
spacings have collapsed, the number of stacked particles as
agglomerates in the drawn nanocomposite fibers has decreased
compared to the as-spun fibers. Thus, drawing has increased the
aspect ratio of the stacks of nanoparticles and sheared the stacked
agglomerates, so that the overlap of silicate layers has been
reduced. Fig. 2 shows that the 1 wt% Cloisite 20A fiber undergoes
the largest amount of collapse (w0.6 nm) compared to the 0.5, 1.5,
and 3 wt% fibers after drawing. The number of agglomerated
overlapping stacks increases monotonically with nanoclay
concentration up to 3 wt%.

Scanning electron images of individual filament surfaces at the
3 wt% loading in the as-spun and drawn states are shown in
Fig. 3a and b, respectively. Although the majority of the filament
surface looks relatively smooth, as shown in Fig. 3c, distortions in
the filament surface are observed every meter or so in the as-
spun fiber at high loadings of nanoclay, and these are believed to
be large agglomerates of nanoparticles. Interestingly, both oper-
ations of fiber spinning from the melt and fiber drawing in the
solid state are not significantly disrupted by the presence of these
distortions. Comparing Fig. 3a and b, it appears that drawing may
elongate the agglomerates giving further support to the conclu-
sions deduced from the XRD studies. However, from the stand-
point of mechanical reinforcement, these elongated large
agglomerates of nanoclay, seen only at the higher concentrations,
are believed to act as points of stress concentrations and may
lead to premature failure of the PET fiber. Yet, this does not
explain for the increased drawability of these nanocomposites
and a further examination into the morphology of the PET
microstructure is given below.
Fig. 3. SEM images of large agglomerates in the as-spun (a) and drawn, scale 20 mm
(b) 3 wt% 20A nanocomposite fiber, scale 20 mm, and (c) a smooth section of the drawn
fiber, scale 10 mm.
3.2. Thermal behaviors

The ability to draw PET nanocomposites may depend upon the
degree of crystallinity among other factors. DSC and rheological
measurements were carried out to understand the role of 20A
concentration on the crystallization process. Fig. 4 shows the DSC
cooling behavior of PET nanocomposite melts at 20 � C/min. The
1.5 wt% sample has been omitted for clarity. Similar to other reports
on the crystallization of PET nanocomposites [26,28,29], the pres-
ence of nanoclay increases the onset of crystallization and peak
crystallization temperature relative to pure PET. However, it is clear
that the addition of nanoclay has a limited effect. The onset of
crystallization from the melt is increased by 3 � C at 0.5 wt% and by
5 � C at 1 wt% 20A, but at 3 wt% the shift in temperature has been
reduced to 2 � C.

A similar trend is observed in the rheological cooling of the PET
nanocomposite chips. Fig. 5 shows the build in complex viscosity,
h*, with temperature as the melt is cooled from equilibrium. The
difference in onset temperatures is accentuated compared to the
DSC measurement on the same nanocomposites. The onset of
solidification is shifted 20 � C higher for the 1 wt% sample than the
solidification temperatures of the other nanocomposites. It then
appears by the rise in viscosity that the nanoparticles are immo-
bilizing the polymer chains in the melt at higher temperatures. The
nanoparticles themselves may also act as nucleating agents as cited
by many authors [18,25–29].

Crystallization rates of two materials are typically compared by
their time to reach 50% of the relative crystallinity, t1/2 [39]. From
non-isothermal measurements, such as those by DSC, the relative
rate of crystallization may be determined by using Eq. (2) to define
the relative degree of crystallinity, X, with temperature and by
converting to the time domain through the cooling rate [40].
X ¼
Z T

T0

qdT=
Z TN

T0

qdT (2)

where T0 and TN are the onset and end of crystallization temper-
atures, respectively, and q is the heat flow at temperature T. Fig. 6
shows the difference in crystallization rates during non-isothermal
cooling for the PET and PET nanocomposites. Interestingly,
although the onset temperatures depend on the concentration of
nanoparticles, the crystallization half times of the nanocomposites
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are independent of nanoclay loading. Additionally, the rate of
crystallization is shown to improve when compared to the pure
PET. Therefore, in terms of forming PET nanocomposites through
non-isothermal processing operations, the degree of crystallinity in
the nanocomposite samples is expected to be greater.

In our crystallization studies from the glassy state, e.g. when
using the as-spun fiber, nanoparticles are not shown to induce
crystallinity. In fact, Fig. 7 shows that the presence of nanoclay
suppresses the non-isothermal crystallization of PET to higher
temperatures. The onset of cold crystallization is shifted to higher
temperatures in the nanocomposites. In the case of 0.5 and 3 wt%
20A the onset is 18 � C higher and at 1 wt% the onset temperature is
15 � C greater than that of the pure as-spun fiber. Although, the
spinning speed for every sample was 550 m/min, it is believed that
the pure fibers have some greater degree of pre-orientation or
crystallinity that would nucleate cold crystallization at much lower
temperatures than the nanocomposite samples. Yet, the non-
isothermal crystallization rate, shown in Fig. 8, from the glassy state
depends on the concentration of nanoclay. In the nanoclay filled
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Fig. 5. Complex viscosity as a function of temperature for the PET nanocomposite
chips cooled at 40 � C/min, 100 rad/s, under nitrogen.
cases, cold crystallization progresses faster than the pure PET
sample. Therefore, the crystal growth rate is accelerated by the
presence of nanoclay and shifted to higher temperatures. The
melting behavior of the as-spun nanocomposites and pure PET
fibers are nearly equivalent with a slight shift (þ 2 � C) of the melting
peak with the presence of nanoclay. In addition, within error the
addition of nanoclay shows no significant effect on the glass tran-
sition, Tg, temperatures of PET, shown in Fig. 7 as 75 � C.

In the case of the drawn nanocomposite fibers, the thermal
behavior during melting differs in the initial heat and repeated
heating scans. Shown in Fig. 9 is the representative behavior during
melting of the drawn pure PET, 1 wt%, and 3 wt% nanocomposite
fibers. In the initial heating scan, the melting endotherms display
shoulders at lower and higher temperature than the peak melting
temperature reflecting a distribution of polymorphic crystalline
structures in the fibers. The difference between the melting peaks
of the 1st and 2nd heating scans decreases with increasing nano-
clay concentration, possibly reflecting the reduced extended chain
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Fig. 7. 1st heating of the as-spun nanocomposite fibers at 20 � C/min, heat flow as
a function of temperature for various nanoclay loadings (scaled for clarity).
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Table 2
PET nanocomposite fiber crystallinity, Xc, from DSC heating scans at 20 � C/min

Sample Xc (%)

Pure PET as-spun 14.5
0.5 wt% 20A as-spun 10.1
1 wt% 20A as-spun 10.2
1.5 wt% 20A as-spun 9.7
3 wt% 20A as-spun 6.5

Pure PET drawn 37.4
0.5 wt% 20A drawn 36.6
1 wt% 20A drawn 35.5
1.5 wt% 20A drawn 34.2
3 wt% 20A drawn 32.2
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crystalline morphology as nanoparticle concentration increases.
PET crystallites at high loadings of nanoclay have a more chain
folded structure.

By comparison of the melting enthalpy to the cold crystalliza-
tion enthalpy in the drawn and as-spun cases, the degree of crys-
tallinity, xc, can be determined with nanoclay concentration. Table 2
shows that indeed the nanocomposite fibers have lower degrees of
crystallinity than the pure PET fiber in the as-spun and drawn
states. During melt spinning, the presence of the nanoclays alter the
chain conformation of the PET chains either through particle–
matrix interactions or through winding speed suppression due to
the nanoclays’ ability to dissipate some of the deformational energy
in the spin-line. From the melt, the nanoclay particles form
a temporary network structure with the PET chains preventing the
development of crystalline order and amorphous orientation. The
result of this type of interaction would also postpone stress-
induced crystallization permitting the achievement of greater
drawability.
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Fig. 9. 1st and 2nd heating of the drawn nanocomposite fibers at 20 � C/min, heat flow
as a function of temperature for various nanoclay concentrations.
In terms of mechanical property improvements, the degree of
crystallinity of the nanocomposites, as well as filler content,
contribute to the level of stiffness. Table 2 shows that the drawn
nanocomposite fibers have lower crystalline contents than the
drawn pure PET fiber. Therefore, the observed improvement in
Young’s modulus as a function of nanoclay loading cannot be
determined from crystallization data alone.

Thermal shrinkage experiments provide qualitative information
on the degree of amorphous orientation in the PET and nano-
composite fibers [30]. The degree of thermal shrinkage expressed
as the percent change in length of the filament after heating to
177 � C is shown in Fig. 10 for the drawn fibers. The addition of very
low concentrations of nanoclay increases the degree of thermal
shrinkage by 5% when the fibers have been drawn in a second step.
Further addition of nanoclay has less of an effect, and at high
loadings the degree of shrinkage is equivalent to that of pure PET
fiber. Fiber strength and tenacity are dependent on the degree of
molecular orientation [30], and the improvements observed here
are qualitatively linked to the increased amorphous orientation
(i.e. greater thermal shrinkage).
3.3. Molecular orientation and mechanical property improvement

Vibrational spectroscopic techniques are widely used non-
destructive methods for the chemical and physical analyses of
polymer molecules. Scattering methods, such as polarized Raman
Spectroscopy, are powerful methods useful for determining
molecular conformations, type and concentration of covalent
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Fig. 10. Thermal shrinkage in percentage of the drawn nanocomposite fibers at 177 � C.



Table 3
Raman bands of interest for semicrystalline PET and montmorillonite

Wavenumber Vibrational mode

450 SiO4 stretching (MMT)
710 Ring C–C stretching

SiO4 stretching (MMT)
795 Ring torsion and C]O

stretching
858 Ring C–C, ester CO–C
886 O–CH2 and C–C stretch

of the gauche ethylene
glycol unit

998 O–CH2 and C–C stretch
of the trans ethylene
glycol unit

1095 Ethylene glycol C–O
and C–C stretching,
C–O–C bending

1125 Ester CO–O and ethylene
glycol C–C stretching

1180 Ring C–C stretching
1281 CO–C stretching
1310 Ring C–C stretching
1616 Ring C1–C4 stretching
1730 C]O stretching
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bonding, and molecular orientation of the polymer chain [41]. In
brief, Raman scattering is the inelastic scattering of infrared light by
a molecule upon returning to its lower energy level after an exci-
tation. As the frequency of light is changed, various Raman active
groups within the polymer sample vibrate and scatter light to
produce bands of various intensities. When the light is polarized to
a preferred direction of the electric field, an induced dipole
moment in the molecule can occur. The interference of the scatter
light with the incident polarized beam is analyzed to collect
information on the orientation of these groups, for example with
respect to the fiber axis. The theory of vibrational spectroscopy of
PET has been outlined in more detail by Bower and Maddams [41]
and others [33–35], and the advantages of using polarized Raman
spectroscopy versus alternatives such as infrared, X-ray, and bire-
fringence have been summarized by Tanaka and Young [36].

The Raman spectra of the as-spun PET nanocomposite fibers at
0, 1, and 3 wt% of alkyl modified nanoclay are shown in Fig. 11 for
the range of 250–3250 cm� 1. The filaments are arranged parallel to
the polarized light in this figure. Raman bands of interest for
orientation or molecular conformation in as-spun and oriented
pure PET are located at 998, 1095, 1130, 1180, 1281, 1310, 1616, and
1730 cm� 1. These bands and others have been assigned by Stokr
et al. [42] and others [43] and are summarized in Table 3. Mont-
morillonite, MMT, has its own vibrational spectrum [44]. Charac-
teristic bands for Naþ MMT are mainly those related to Si–O
vibrations and are located at 450, 710, 1100 cm� 1 [44]. In Fig. 11b
and c the bands at 1100 and 450 cm� 1 are not present in the
nanocomposite samples, and both the MMT SiO4 tetrahedron and
the PET C–C ring stretch contribute to the 700–710 cm� 1 band. Yet,
the number of scatterers in Raman spectroscopy is linearly
proportional to the intensity of the band [41]. At the low weight
fractions of nanoclay used in this study (� 3%), the contribution of
montmorillonite to the observed spectrum can be considered
insignificant. Furthermore, Frost and Rintoul [44] observed that
Raman spectra of MMT are difficult to obtain if the layers are
dispersed or randomized in their spacing.

Nevertheless, the molecular conformations and orientation of
the PET phase can be determined. Fig. 12 shows, by observation of
the 1616 cm� 1 band (phenylene ring stretch) in parallel and
perpendicular arrangements to the polarized light, the absence of
anisotropy from the as-spun 1 wt% 20A nanocomposite fibers and
the presence of significant anisotropy in the drawn state of the
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Fig. 11. Raman spectra of as-spun fibers of Pure PET (a), 1 wt% 20A (b), and 3 wt% 20A
(c) with the fiber samples parallel to the vector of polarized light.
same fiber. The drawn fibers thus show molecular orientation of the
PET backbone to the fiber axis. The 1616 cm� 1 band has been shown
to be much less sensitive to changes in chain conformation
(i.e. crystallinity), making it ideal for studying molecular defor-
mation [43]. In addition when comparing Fig. 12a to b, the trans
conformation of the ethylene glycol segments at 998 cm� 1 shows
anisotropy, indicating that there is some preferred crystalline
orientation [35]. Discussed below, ideal crystallization converts
gauche isomers to the all-trans conformation of the ethylene glycol
moieties of the PET backbone [35]. The all-trans conformation of
both the ethylene glycol and terephthalate units has been linked
with the fully extended chain morphology that is desirable for
high-performance PET fibers.

The molecular orientation coefficients determined from the
second order Legendre polynomial (i.e. Hermans orientation
function [36]), f1616 and f998, of the system average backbone and
ethylene glycol units, respectively, are shown in Fig. 13 for the
0 500 1000 1500 2000 2500 3000 3500

d

c

b

a

I
n

t
e
n

s
i
t
y
,
 
a
.
u

.

Wavenumber, cm
-1

Fig. 12. Raman spectra of parallel and perpendicular arrangements of the wt% 20A as-
spun and drawn fibers (a) parallel spectra of drawn 1 wt% 20A, (b) perpendicular
spectrum of drawn 1 wt% 20A, (c) parallel spectra of as-spun 1 wt% 20A, (d) perpen-
dicular spectrum of as-spun 1 wt% 20A.
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as-spun and drawn nanocomposite fibers. The f1616 and f998 are
determined directly from the solution of the coupled non-linear
algebraic equations outlined by Lesko et al. [33] and Yang and
Michielsen [35] using 5 geometrical arrangements of the sample
with respect to the incident polarized light. In the as-spun state, the
average molecular orientation of the PET backbone is low, which is
expected considering the relatively low winding speeds used during
melt spinning. The nanocomposites do not possess a significant
band at 998 cm� 1 in the as-spun state and orientation coefficients
calculated had large errors due to poor signal to noise resolution in
our best spectra and are not displayed in Fig. 13. The drawn fiber
backbone orientation coefficients show significant dependence on
concentration of nanoclay. Both measures of orientation for the
drawn fibers follow the trends in modulus and tenacity improve-
ment with a maximum at 1 wt% of nanoclay. Beyond this loading,
the orientation of the backbone and the crystalline units decreases
with increasing nanoclay concentration. Yet, the reduction in crystal
orientation is not as significant as that of the backbone. Therefore,
low loadings of nanoclay may aid in the development of ordered
polymer structures parallel to the fiber axis. High loadings may
disrupt the long-range order because the polymer chains must
organize themselves around a larger number of rigid particles. At
low concentrations of nanoclay, the full benefit to orientation is not
realized, as less nanoclay is available. Above the optimum nanoclay
concentration, the reduced molecular orientation combined with
the increased number of agglomerates that contribute to stress
concentration reduces the fiber modulus and tenacity.

The orientation parameters observed in this study are relatively
low compared to high-performance PET fibers and are most likely
due to the low drawing speeds (w10 m/min). At low speeds, stress
on the fiber is low and the development of stress-induced crys-
tallization is delayed or absent. However, DSC measurements show
the degree of crystallinity in the drawn fibers to be relatively high
w40%. Yet, DSC overestimates the degree of crystallinity because the
oriented-amorphous chains act as a precursor to thermal crystalli-
zation, as evidenced by the observation of thermal shrinkage.
Through Raman spectroscopy, the carbonyl stretching band at
1727 cm� 1 has been associated with sample density and crystal-
linity [33,45]. Fig. 14 shows that after drawing the full-width at half
maximum, fwhm, (i.e. the fiber density) changes relatively little
with respect to the as-spun fibers. Higher densities are associated
with lower fwhm values and a corresponding shift in the peak to
lower frequencies [45]. The 1727 cm� 1 band has been regarded to
provide insight into the conformation of the terephthalate group
from gauche (at high fwhm) to trans (at low fwhm) [33]. Although
the ethylene glycol units readily convert from gauche to trans, the
terephthalate unit conformations remain relatively unaffected by
drawing under these conditions. Thus, the average crystal and
backbone orientations, which are the determined parameters via
Raman spectroscopy, are low and the observed tenacity values are
low compared to industry standards. However, compared to the
current literature on PET nanocomposite fibers, the degree of
mechanical property improvements listed in Table 1 has not been
observed by others, particularly with regard to tenacity improve-
ment. The effect of increasing drawing speed and stress-induced
crystallinity is the subject of our on-going research.

3.4. Molecular conformation and drawability improvement

Interestingly, the nanocomposite fibers are capable of reaching
higher draw ratios than the pure PET fiber. This is attributed to the
effect nanoparticles have on the initial molecular conformation of
the PET phase. As noted above, the trans conformation of the PET
backbone is associated with extended chains, while the gauche
conformation has been assigned to characterize chain folding and
irregularity found in the amorphous phase. Fig. 15b–e shows the
Raman spectra of the as-spun, low-orientation, PET nano-
composites in the range of 720–1550 cm� 1 in comparison to the
spectrum for pure PET (a) with the nanoclay filled fibers. The
convoluted band in the range of 790–900 cm� 1 is composed of four
single bands at 795, 830, 858, and 886 cm� 1. As noted by others
[46], the band intensity at 886 cm� 1 can be compared with the
998 cm� 1 band to determine the relative amounts of trans and
gauche isomerism of the ethylene glycol units of the PET backbone.
By visual inspection of Fig. 15a with b–e, it is clear that the pure PET
sample has a larger content of the trans conformation than the
nanoclay filled systems. Further evidence is provided by inspection
of the 1050–1200 cm� 1 range. A convoluted band near 1125 cm� 1 is
clearly split into two bands for the pure PET sample. The first peak
at 1097 cm� 1 has been assigned to the trans conformation of the
amorphous or crystalline phase, while the second peak at
1130 cm� 1 corresponds to the gauche isomerism of these phases.
The nanoclay filled systems show only a shoulder at 1097 cm� 1,
which reflects less trans content than the pure PET.
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Ibanes et al. [17] examined the drawability and orientation of
only a 1 wt% loading of montmorillonite in polyamide-6. They
found that nanoclay, indeed, increased drawability relative to
unfilled polyamide, but did not lead to significantly enhanced
molecular orientation when drawn to its maximum extent [17]. The
authors deduced from small and wide angle X-ray measurements
on the crystalline structure that the large impenetrable surfaces of
the nanoclay block the development of inter-crystal tie chains,
thereby reducing the entanglement density of the polyamide chain
network [17].

For the PET nanocomposite fibers examined in this study
a similar conclusion can be made for the increased extensibility of
the polyester network. However, the effect of nanoclay concentra-
tion is considered here, as point of departure from the study of
Ibanes et al. [17]. In Table 1 the maximum draw ratio is nearly
independent of nanoclay loading. As nanoclay concentration is
increased, the degree of agglomeration is increased as shown by the
XRD peaks in Fig. 1. Therefore, the number of surfaces blocking
entanglements remains relatively unchanged, because at higher
concentrations the platelets are more likely to be stacked together
into aggregates. If the platelets were exfoliated then perhaps higher
draw ratios could be obtained as more entanglements are pre-
vented with increased nanoclay concentrations up to a percolation
limit. Additionally for the PET nanocomposite fibers, the nano-
composite samples have a less ordered structure after initial melt
spinning than the pure PET. Therefore, the absence of crystallites,
which have been shown to act as cross-link points between poly-
mer chains, and lack of pre-orientation of the chains into their trans
conformations permits the accomplishment of higher draw ratios
with nanoclay filled PET fibers. The reduction in trans content is
suggested to be the result of a combined effect of a favorable PET
chain interaction with the silicate surface and the dissipation of
deformational energy by the nanoclay during melt spinning.

To interpret the cause of the increased drawability and origin of
the greater gauche content of the nanocomposite fibers a few of
scenarios are worth considering. Similar trends with enhanced
amorphous phase content in fibers have been observed for the melt
spinning of polymer blends [47,48]. These authors concluded that
because the primary phase produces a shear field around the filler
phase, the elongational viscosity of the system is reduced, and the
overall extension and orientation of chains is suppressed [47,48].
Polymer molecules tend to un-coil and then orient more readily
under stronger extensional flow. If the applied stress from the
winding device is split between orienting the polymer molecules
and the nanoparticles to the fiber axis, then the extensional flow
can be considered weaker than if the whole stress was focused on
the polymer chains alone.

An alternative explanation for the presence of an enhanced
gauche content can be linked to PET–nanoclay surface bonding or
‘‘tetherment’’. From the intercalation data shown in Figs. 2 and 3
and from the modulus data of the drawn nanocomposites, some
type of favorable coupling interaction is inferred between PET and
the alkyl modified nanoclay. However, additional or abnormal
bands in the Raman spectra of the nanocomposite fibers are not
observed to any significance that would signify PET bonding with
the surface of the nanoparticle or the surface treatment. For
instance, surface hydroxyl groups on the montmorillonite nanoclay
could bond with the ethylene glycol units on the PET chain, which
would give rise to some change in the bands of O–C stretching. A
bonded PET–nanofiller structure has been observed by Bikaris et al.
[49] for silica filled PET, and a branched PET structure has been
shown to lower the degree of crystallinity as well as broaden the
melting endotherm in DSC experiments [50]. Although the nano-
composite degrees of crystallinity are reduced in the as-spun and
drawn states relative to unfilled PET, the filled fibers have signifi-
cantly increased drawability. Ibanes et al. [17] examined the
drawability of polyamide-6 with hyperbranched fillers and a 1 wt%
addition of montmorillonite. The hyperbranched additives signifi-
cantly reduced drawability of PET by cross-linking the chains and
restricting orientation development [17]. Therefore the rapid rise in
complex viscosity of the nanocomposite resins, shown in Fig. 5, is
probably not due to tetherment bonding of PET and nanoparticles.
Instead it is more likely due to a combined effect of heterogeneous
nucleation at the surface of the silicate and homogenous nucleation
by the immobilization of polymer chains by the silicate layers. Both
of these effects are dependent on the concentration and degree of
dispersion of nanoclay. Therefore, the interaction between PET and
alkyl modified nanoclay is considered favorable but rather weak,
such that a well-connected PET–nanoclay network is not formed
with these organically modified montmorillonites.

4. Conclusions

The role of alkyl modified montmorillonite in the improvement
of PET fiber mechanical properties was discussed in terms of PET
and nanoparticle morphology. When drawn to their maximum
extents, modulus and tenacity improvement reached a maximum
at a 1 wt% addition of nanoclay. Average molecular orientation of
the phenylene rings and ethylene glycol groups reached
a maximum with nanoclay concentration at 1 wt% as well. From
thermal shrinkage measurements, the presence of nanoclay
promoted the development of amorphous orientation. In addition,
X-ray diffraction showed nanoparticle intercalation with PET,
which suggested that favorable interaction existed between the
polymer and nanoclay. At a 1 wt% loading of nanoclay, the degree of
physical interaction with the polymer matrix yielded the optimal
molecular orientation for the greatest amount of mechanical
property improvement. For concentrations below 1 wt%, the
loading of nanoclay was not high enough to develop significant
interactions with PET and alter the extent of molecular orientation.
The degree of parallel coupling of PET and nanoclay was below
optimum due to the low concentration. Therefore, the modulus
improvement was not as great as that with the 1 wt% loading. At
concentrations above the optimum, the degree of nanoclay
agglomeration increased, and we believe that the molecular
orientation was disrupted by the inability of the polymer chains to
efficiently rearrange around the larger stacks of particles parallel to
the fiber axis. In addition, the larger agglomerates and the
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increased presence of nanoclay aided in the dissipation of some of
the deformation from the PET chains to the silicate stacks.
Furthermore, at high concentrations the large agglomerates appear
to act as stress concentrators. The combination of the above led to
reduced mechanical properties at high nanoclay loadings.

The ability to obtain higher degrees of molecular orientation
was linked to the increased drawability of the nanocomposite fibers
relative to pure PET. Nanocomposite yarns can be drawn to
a greater extent because of the larger gauche content of the
ethylene glycol units that delay the orientation and subsequent
crystallization of the PET chains to higher draw ratios. In the as-
spun state for pure PET fiber, the degree of trans content may reflect
pre-ordering of the polymer chains. The degree of trans content
may also impart physical cross-links between ordered crystalline
domains and serve as a nucleator for further crystallization. An
increased amount of gauche content is due to a favorable, although
weak, interaction with the silicate surface, such that the polymer
chains remain in a predominantly coiled amorphous state. In
addition, the nanoparticles themselves are able to dissipate some of
the deformational energy from the spinning process. Therefore,
there may be a suppression of effective winding speed, such that
the polymer chains in the nanocomposite do not have the same as-
spun ordering as the pure PET fibers at an equal spinning speed.
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